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Phase transformations in nanocrystalline alloys
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The effect of nanometer grain size and extensive grain boundary regions in nanocrystalline
alloy systems was investigated for the chemical order-disorder, structural, precipitation,
and spinodal phase transformations.

The kinetic paths for approach to the chemically ordered phase from the disordered
phase in FeCo-Mo alloys were observed to be the same at different temperatures due to
grain boundaries acting as short-circuited diffusion paths for atom movements. The
structure of Fe3Ge was bcc for small crystallite size and the equilibrium fcc phase
developed only after a critical grain size was attained. This was understood as a
manifestation of the Gibbs Thomson effect.

The precipitation phase transformation in Fe-Mo alloys proceeded by a rapid movement
and clustering of the Mo atoms to the grain boundaries that was correlated to the size of
the nano grains, and subsequent formation of the Mo rich lambda phase directly in the
grain boundary regions.

The composition fluctuation domains for spinodal decomposition in nanophase Fe-Cr
alloys were observed to be linearly correlated to the growth of grains.
C© 2004 Kluwer Academic Publishers

1. Introduction
It is of interest to study and understand how the small
size of the grains as well as the presence of extensive
grain boundary regions in nanocrystalline alloys influ-
ence their phase transformation behavior as compared
to the conventional coarse grained polycrystalline al-
loys. This is important not only from the viewpoint of a
basic understanding of nanophase systems but also for
applications to process the materials for desired phases,
microstructure, and properties. It is anticipated that in
a nanophase alloy there would be enhanced atomic dif-
fusivity through grain boundary regions and the free
energy of the system would also be altered due to sur-
face energy contributions [1] and these effects should
influence all the metallurgical phase transformations. In
this work we present experimental studies on alloy sys-
tems that undergo different phase transformations such
as chemical order-disorder (FeCo-X, X = Mo, Ge),
precipitation (Fe-Mo), structural (Fe-Ge), and spinodal
(Fe-Cr), to understand their behavior in the nanocrys-
talline phase.

2. Experimental
The alloys were prepared by mechanical alloying of
constituent elemental metal and nonmetal powders
(99.99% + purity) in a SPEX 8000 Mixer Mill. The
milling was carried out for 24 h (except in the case of
FeCo-Mo alloy where a milling time of up to 50 h was
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required for fully disordered alloy to form) in hard-
ened steel vials using a set of six steel balls, two of
diameter 1/2′′ and four of diameter 1/4′′. The vial with
the powders and steel balls was sealed under Argon at-
mosphere in a glove bag and put for milling. The ball
to powder weight ratio was 5:1. The Fe contamination
due to ball milling was typically about 1 to 2 atomic
percent as determined by EDAX and chemical com-
position analysis. The as-milled alloys were subjected
to heat treatments at various temperatures for periods
of time ranging from few minutes to few hundreds of
hours to see the formation of the equilibrium phases as
expected from the phase diagram. The heat treatments
were carried out after sealing the samples in borosilicate
glass ampoules under argon atmosphere at a pressure of
0.005 Torr. Powder X-ray diffraction studies were car-
ried out to determine the phases and average grain sizes
using Scherrer formula. Mössbauer spectroscopy was
used to study in detail the disorder-order, precipitation,
structural, and spinodal phase transformation behavior
of the alloys, all of which were Fe based.

3. Results
3.1. Disorder-order phase transformations

in FeCo-X (X = Mo, Ge)
In a ternary alloy, where the state of order is charac-
terized by two order parameters, the alloy may develop
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various combinations of the order parameters in the
approach to the final equilibrium state [2]. The initial
and final states may be connected by different chains
of intermediate states i.e. for a given value of one order
parameter, the other order parameter need not have a
unique value. It was shown using Master Equation for-
mulation that these chains of kinetic evolution towards
the final equilibrium order or ‘kinetic paths’ were tem-
perature dependent when the atomic species of the alloy
had different activation energy barrier heights for dif-
fusive jumps or different inter atomic interactions.

A Mössbauer spectroscopic study on the kinetics
of chemical ordering in several piston-anvil quenched
FeCo-X alloys (X = W, Nb, Mo, Cr, Ti, V, and Al)
showed that the kinetics of B2 ordering was slowed
down for the 4d and 5d solutes but the 3p and 3d series
elements did not affect the ordering kinetics [3]. This
was understood to arise due to the lesser mobility of the
W, Nb and Mo solutes. A more detailed investigation
of the FeCo-Mo system was subsequently carried out
to observe differences in kinetic paths of the Warren-
Cowley short-range order parameters αMo/Fe and αCo/Fe
at different temperatures [4]. The kinetic paths at 350
and 400◦C were indeed observed to be different albeit
not as much as predicted from model calculations. The
temperature dependence of kinetic paths was attributed
to the high activation energy barrier for diffusive jumps
of Mo atoms.

We studied the kinetics of the evolution of B2 order
in ternary FeCo-Mo and FeCo-Ge nanophase alloys to
see the new effects related to the grain size and grain
boundaries [5, 6]. We observed the presence of satellite
lines in FeCo-Mo at lower field values similar to that
observed by adding a few atomic percent solutes to pure
iron in several Fe-X (where X = few atomic percent Si,
Al, Mn, Cr, Mo etc.) alloys [7]. The observed field shift
of 54 kOe for the satellite line is in good agreement with
earlier work [3]. For the Fe-48 at.% Co-4 at.% Ge as
milled sample also we observed a satellite peak, which
was attributed to the presence of Ge in the first nn shell
of Fe. The shift between the main peak and the 1 Ge
nn peak is 24.9 kOe, in good agreement with the field
shift of 24 kOe observed in Fe-6 at.% Ge alloy [8].

After ordering heat treatments the width of the main
peaks as well as the intensity of the satellite peak de-
creases. The area of the main peak on the other hand
increases. From these observations and also from ear-
lier studies of disorder → B2 order transformation in
pure FeCo [9] it is known that the width of the hyper-
fine distribution decreases with increase in chemical
order due to a change in 1nn environment from a ran-
dom distribution to that of an ordered arrangement of
all Co neighbours. The width of the main peak is there-
fore an appropriate measure of the 〈Co/Fe〉 correlation.
Similarly as the order develops more and more con-
figurations correspond to Fe atom with Co neighbours
and the area of the main peak increases; therefore this
area can also be considered as a measure of the 〈Co/Fe〉
correlation.

The area of the satellite peak corresponds to the
〈Mo/Fe〉 correlation. A decrease in Mo satellite area as
ordering takes place shows that Mo atoms move away

Figure 1 Kinetic paths for B2 ordering in nanocrystalline FeCo-Mo at
different temperatures. The 〈Co/Fe〉 and 〈Mo/Fe〉 correlations are repre-
sented by the width of the main peak and the intensities of the satellite
peaks respectively.

from 1nn shell of Fe to a Co near neighbor environment.
This is in agreement with the metallic bonding theory
of Miedema [10] according to which Co-Mo bonding
is preferred to Fe-Mo bonding.

The kinetic paths as shown in Fig. 1 for the nanocrys-
talline FeCo-4 at.% Mo alloy at different temperatures
in the space spanned by the order parameters 〈Mo/Fe〉
and 〈Co/Fe〉 are essentially the same within experimen-
tal errors at all the temperatures [5]. Exactly similar
results were obtained for the FeCo-Ge nanocrystalline
alloy system heat treated at 300, 350 and 400◦C [6].
This observation should be compared to the behavior of
piston-anvil quenched polycrystalline FeCo-Mo alloys
[4] where these kinetic paths were seen to be distinctly
different at 350 and 400◦C. The absolute rate of change
of these correlations at these temperatures in nanocrys-
talline alloys were also seen to be substantially faster as
compared to those observed in the previous study [4].
This observation prompted us to study the evolution of
order at a lower temperature of 250◦C to see whether
higher activation barrier for Mo diffusion would give
rise to difference in kinetic path at a lower tempera-
ture. The rate of change of correlations was observed
to be slower, as expected at lower temperature but the
kinetic path followed was the same as that at 350 and
400◦C. We therefore infer that the kinetic path behav-
ior of the nanocrystalline system is intrinsically related
to the nanocrystalline nature of the ball-milled alloys.
The main difference between the microcrystalline and
nanocrystalline systems is the presence of large vol-
ume fraction of grain boundary regions. These bound-
ary regions provide short-circuited paths for diffusion
of atoms [1, 11]. The activation energy of diffusion for
the different atoms along these short-circuited paths
may not be substantially different and thus give rise to
identical kinetic paths for ordering.
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3.2. Precipitation phase transformation
in Fe-Mo

The Mössbauer spectra and the corresponding HMF
distribution of the as-milled Fe-Mo alloys show the for-
mation of homogenous Fe-Mo solid solutions and there
was no evidence for a paramagnetic doublet from the
λ phase (Fe2Mo stoichiometry) that is expected from
the phase diagram. The as-milled nanocrystalline al-
loys were heat treated at 400 and 520◦C to see the nano
structure evolution and equilibrium phase decomposi-
tion behaviour. The depletion of Mo atoms from the
near neighbor environment of Fe was observed by mea-
suring the intensities of the satellite lines, which were
found to diminish whereas the intensity of the zero Mo
peak was found to increase. Correspondingly there was
no evidence for growth of Mo rich λ phase in the spec-
trum. From the phase diagram it was expected that the λ

phase should have developed giving rise to a quadrupole
split spectrum [12] with no HMF. The absence of the λ

phase but the depletion of Mo from the Fe environment
shows that Mo clustering is taking place from the α

phase. This is in qualitative agreement with the obser-
vations of Marcus et al. [12, 13] for microcrystalline
alloys. However a comparison of the time dependence
of the satellite peak intensities for the microcrystalline
[12] and nanocrystalline alloys shows them to be dif-
ferent. For the microcrystalline alloys there is no sig-
nificant decrease in the satellite peak areas up to 2 h of
heat treatment after which it starts showing a decrease
between 2 and 5 h. For the nanocrystalline system the
decrease in satellite peak area is observed to be faster
and a significant decrease in intensity takes place even
for half an hour of heat treatment. The probable reason
for this accelerated clustering of Mo atoms lies in the
larger volume fraction of the grain boundary regions in
the nanocrystalline systems, which provide faster dif-
fusion paths [5].

We observed an interesting correlation between the
grain size and the depletion of Mo atoms from the near
neighbor environment of Fe as shown in the parametric
plots of Fig. 2. There appears to be a critical size below
which the Mo solute atoms remain dissolved in the α

phase. This can be attributed to the additional contribu-
tion to the Gibbs free energy from the surface energy
(γ ) of the nano size grains of radius R in the nanocrys-
talline phase. This is referred to as a capillary effect or
Gibbs Thomson effect [1] and is given by:

�G(R) = 2γ Vm/R (1)

where Vm is the molar volume. The Gibbs free energy
of mixing for an alloy system comprising of crystallites
of finite size R will contain an additional term �G(R)
from the surface energy contribution (Equation 1)

�Gmix = �Umix − T �Smix + �G(R) (2)

where �Umix and �Smix are internal energy and en-
tropy of mixing and T is the temperature. In a system
such as Fe-Mo with positive internal energy of mix-
ing (�Umix) the bond energies satisfy EAA + EBB <

2EAB. A solid solution of Fe and Mo at a temperature
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Figure 2 Change in the near neighbor environment of Fe due to Mo
precipitation plotted as a function of grain size.

below the solvus temperature would therefore be pos-
sible for nanosize grains if the surface energy term is
negative (implying negative γ ) and compensates the
positive internal energy of mixing to give �Gmix ≤ 0.
In nanocrystalline alloys prepared by mechanical alloy-
ing the grain boundaries are predominantly high angle
grain boundaries, which have a relatively open structure
and large free volume. The bonds between the atoms in
these high angle grain boundaries are broken [1]. Mo
or Fe atoms residing in the grain boundary regions will
therefore have lower energy as compared to that of Mo
or Fe atoms within the grain because of less number
of repulsive Fe-Mo bonds. The surface energy (γ ) can
therefore be negative. This situation is in contrast to sys-
tems with a negative internal energy of mixing where
the broken bonds in high angle grain boundary regions
have a positive surface energy because of a decrease in
the number of attractive AB bonds. Because of the in-
verse R dependence of �G(R) there exists a radius Ro
up to which �Gmix remains negative and beyond which
the free energy of mixing �Gmix becomes positive and
the solute starts to separate from the solid solution. Ro
is obtained by equating �Gmix in Equation 3 to zero.
This gives

Ro = 2γ Vm/�Smix(T − To) (3)

where To is the solvus temperature, T is the temper-
ature at which the precipitation transformation is ex-
perimentally observed, and we have taken �Umix

∼=
�Hmix = To �Smix. An estimate of the grain size at
which the solute atoms start separating from the solu-
tion is possible if the value of γ is known. However if
we assume a typical value for |γ | of about 200 mJ/m2

[Ref. [1], p. 155], this grain size comes out to be about
16 nm at 520◦C for Fe-5 at.% Mo alloy. This estimate
appears to be in agreement with our experimental ob-
servations (Fig. 2). Similar behavior of Mn segrega-
tion to grain boundaries has also been observed in our
measurements on Mn substituted Fe-Si nanocrystalline
alloys [14].
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However the location of the Mo clusters seemed to
be different in the nano system as compared to the mi-
crocrystalline system. In the microcrystalline system
there was once again an increase in the satellite peak
area between 20 and 250 h, after which the Mo rich
λ phase started forming. The initial decrease followed
by an increase in satellite peak intensity after 20 h of
heat treatment implies that Mo clusters, which may
have been precipitated within the grains, are once again
dissolved in the Fe matrix before the Fe2Mo phase is
formed. In contrast our nanocrystalline alloys show no
reentrant increase of satellite peak areas. This implies
that the formation of the λ phase is taking place in the
already precipitated Mo clusters in grain boundary re-
gions. This is further corroborated by carrying out a
heat treatment at a high temperature of 1100◦C for the
x = 0.015 alloy (earlier heat treated at 520◦C for 24 h
in which the satellite intensity decreased due to Mo
clustering). The Mössbauer spectra and the hmf distri-
butions for this heat-treated sample are similar to the
disordered as-milled alloy showing that the Mo clusters
dissolve into the matrix when the grain sizes became
microcrystalline which was also confirmed by the line
width of the X-ray diffraction pattern recorded for this
sample.

3.3. DO3 → L12 structural transformation
in Fe3Ge

An interesting structural phase transformation be-
haviour was observed by Zhou and Bakker [15] dur-
ing mechanical milling of L12 ordered Fe3Ge alloy.
The fcc based L12 structure was first atomically disor-
dered for short periods of milling (about 2 h) as seen
by the disappearance of super-lattice reflections, but
later transformed to a disordered bcc structure on fur-
ther milling. Thus there was not only chemical disorder
induced as a result of milling as is usually the case with
other ordered alloys but also a structural change driven
by mechanical milling. We studied the synthesis and
phase transformation behavior of Fe3Ge alloys by di-
rect milling of the constituent elements and found sev-
eral new and interesting effects. The as-milled material
forms in a disordered bcc α phase (A2 structure), orders
initially into the α1 phase (DO3 structure) on isother-
mal heating and later transforms to the equilibrium ε′
phase (L12 structure).

The X-ray diffraction patterns and HMF distri-
butions from Mössbauer spectra of Fe0.75Ge0.25 and
Fe0.73Ge0.27 alloy synthesized by mechanical alloying
of the elemental powders showed the formation of these
alloys in disordered bcc α phase (A2). According to the
equilibrium phase diagram [16] however the Fe1−x Gex

alloy system should have a α1-phase region for 0.16
≤ x ≤ 0.21 and a two-phase region (α1 + β) for
0.21 ≤ x ≤ 0.37.

The phase diagram for Fe-Ge alloy system shows
an ε′ phase (L12 order) around x = 0.25 composi-
tion at temperatures above 400◦C. We heat treated the
x = 0.27 as milled alloy at a temperature of 520◦C to
see the evolution of this ordered L12 phase from the
disordered bcc (A2) phase. The evolution of the field
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Figure 3 Hyperfine magnetic field distributions evaluated from the
Mössbauer spectra showing the evolution of distinct peaks due to the
α1 and ε′ phases at different times.

distributions is shown in Fig. 3. In the initial stages of
the transformation there is formation of α1 phase as can
be seen unambiguously by the presence of 330 and 205
kOe peaks in the HMF distribution, characteristic of
DO3 phase [17]. The ε′ phase is seen to develop rapidly
only after a time of 32 h as seen from the presence of
peaks in HMF distributions at 245 kOe. Simultaneously
there is a decrease in the intensity of the peaks corre-
sponding to the α1 phase. X-ray diffraction studies also
confirm the presence of ε′ (L12) phase by the presence
of (111) and (110) reflections from this phase.

We proposed [17] that this phase transformation be-
havior from the disordered bcc α phase to the equi-
librium ε′ (L12) phase through a metastable ordered
α1 (DO3) phase is also a consequence of the Gibbs
Thomson effect. The Gibbs free energy of an al-
loy phase increases by an amount �G ∼= 2γ Vm/R
(Equation 1) for a finite size grain of radius R (assum-
ing spherical grains) relative to a very large size sys-
tem due to the surface energy γ residing in the grain
boundary:

G(R) ∼= G(∞) + 2γ Vm/R (4)

For finite size grains the Gibbs free energy for the DO3
grains as well as the L12 grains will be increased rel-
ative to their bulk Gibbs free energy. However due the
close packing of the fcc grains the grain boundary en-
ergy for the L12 grains is larger as compared to the
DO3 grains and the increase in Gibbs free energy of L12
grains will be more as compared to the DO3 grains. The
lower Gibbs free energy DO3 ordered phase is there-
fore stabilized for smaller grain size in the initial stages
of transformation. However as the grains grow in size
the Gibbs free energy of the L12 ordered phase de-
creases faster than the Gibbs free energy of the DO3
ordered phase and they both become equal at a certain
grain size R0. Beyond R0 Gibbs free energy of the L12
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Figure 4 Insets (a) to (h) show the experimental hyperfine magnetic field distributions for Fe0.55Cr0.45 alloy evaluated at different temperatures
and times as mentioned against them; ‘m’ and ‘n’ represent the number of 1st and 2nd Cr nearest neighbours of Fe. Insets (i) to (n) show
the simulated probability distributions for various stages of spinodal decomposition represented by the deviations d1 and d2 from the initial
composition in terms of ε1 and ε2, the distances between the starting composition and the phase boundaries of the Fe-rich and Cr-rich phases
respectively.

ordered phase is lower than that of the DO3 ordered
phase and there is a rapid phase transformation to the
L12 phase. The value estimated by us [17] for R0 from
thermodynamic considerations was found to be∼12 nm
which is of the same order as the experimental value of
∼22 nm.

3.4. Spinodal decomposition in Fe-Cr alloys
Nanocrystalline Fe1−x Crx (x = 0.1, 0.2, 0.35, 0.45)
alloys were prepared by mechanical alloying. Single
A2 phase (disordered bcc) homogeneous alloys were
formed after typical milling times of 24–30 h as con-
firmed by powder X-ray diffraction and Mössbauer
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Figure 5 (a) Temporal evolution of average hyperfine magnetic field
(〈H〉) and grain size. (b) Parametric plot showing temperature indepen-
dent linear co-relation between grain size and 〈H〉.

spectroscopic studies. To study the spinodal phase de-
composition behaviour, the as-milled alloys were heat
treated at 475, 460, 400 and 300◦C for various peri-
ods of times ranging from few minutes to hundreds of
hours.

The average grain sizes of the as-milled samples were
found to be ∼10 nm. Fig. 4a shows the representative
hmf distribution of the as-milled alloy with 45 at.% Cr
as obtained from the Mössbauer spectrum. This dis-
tribution shows a one-to-one correspondence with the
binomial distribution (shown in Fig. 4i) expected for
a random configuration of atoms in a disordered bcc
alloy. This result was corroborated by the X-ray result,
in which only bcc lines corresponding to Fe-Cr alloy
were present without any signature of Fe-rich (α) and
Cr-rich (α′) phases. Average hmf, 〈H〉, derived from
the Mössbauer spectra was suggested as a very good
method of finding whether the phase decomposition
reaction proceeds through nucleation and growth (NG)
or spinodal decomposition (SD) [18]. Fig. 5a shows the
temporal evolution of 〈H〉 and grain size at 475◦C for the
45 at.% Cr alloy. The immediate rise in 〈H〉 with time
is a clear indication that the reaction proceeds through
spinodal decomposition [18]. In case of 35 at.% Cr also
the result is similar but in case of 10 at.% and 20 at.%
Cr samples, the 〈H〉 at 400 and 460◦C is nearly con-
stant with time showing clearly that the NG process is
taking place in these alloys as expected from the phase
diagram.

We adopted a simple-minded model of composition
fluctuation due to spinodal decomposition in the form
of Gaussian composition profiles centered at composi-
tions x0 ± �x (where x0 is the starting composition)
and found out the probability distributions at different
stages of the decomposition. Fig. 4a–h and i–n show the
experimental and simulated probability distributions re-
spectively, for the 45 at.% Cr alloy. The initial broaden-

ing of the distributions is once again a clear indication
of the SD process occurring in the system. The final
degree of decomposition obtained using the method of
Dubiel [18] was 0.54 at 475◦C, which was of the same
order of magnitude as obtained for the polycrystalline
alloy. However, the interesting result that emerges from
our study is that the grain growth is linearly co-related
to 〈H〉. Fig. 5b shows a parametric plot between grain
size and 〈H〉, which includes data points for all temper-
atures. This implies that the phase formation through
the SD process is limited to a spatial region of the or-
der of the nanocrystalline grain size. The driving force
which controls both the processes could be the decrease
in Gibbs’ free energy through decrease in the interfacial
gradient energy, which is responsible for the spatial ex-
tent of the composition fluctuation domains [Ref. [1],
p. 312].

4. Conclusions
We have shown above how the nanocrystalline nature of
alloys significantly influences the behavior of the differ-
ent metallurgical phase transformations. The large frac-
tion of grain boundary regions provides short-circuited
diffusion paths for atom movements and this seems to
be the dominant mechanism for chemical order disorder
transformation [5, 19]. The substantial surface energy
contribution to the Gibbs free energy changes the phase
stability of the alloy system in the nanophase state and
affects the structural phase transformation [17]. A con-
cept of negative surface energy for binary alloy systems
with repulsive A-B interactions was introduced to un-
derstand the correlation between grain size and grain
boundary segregation in the precipitation phase trans-
formation [20]. Finally, we observed that for the spin-
odal decomposition process in a nanocrystalline sys-
tem the growth of composition fluctuation regions was
correlated to the growth of grains in the system [21].
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